Arrays of vertically aligned single crystalline Si nanowires (NWs) decorated with arbitrarily shaped Si nanocrystals (NCs) have been fabricated by a silver assisted wet chemical etching method. Scanning electron microscopy and transmission electron microscopy are performed to measure the dimensions of the Si NWs as well as the Si NCs. A strong broad band and tunable visible (2.2 eV) to near-infrared (1.5 eV) photoluminescence (PL) is observed from these Si NWs at room temperature (RT). Our studies reveal that the Si NCs are primarily responsible for the 1.5-2.2 eV emission depending on the cross-sectional area of the Si NCs, while the large diameter Si/SiO x NWs yield distinct NIR PL consisting of peaks at 1.07, 1.10 and 1.12 eV. The latter NIR peaks are attributed to TO/LO phonon assisted radiative recombination of free carriers condensed in the electron-hole plasma in etched Si NWs observed at RT for the first time. Since the shape of the Si NCs is arbitrary, an analytical model is proposed to correlate the measured PL peak position with the cross-sectional area (A) of the Si NCs, and the bandgap (E g ) of nanostructured Si varies as E g = E g (bulk) + 3.58 A −0.52 . Low temperature PL studies reveal the contribution of non-radiative defects in the evolution of PL spectra at different temperatures. The enhancement of PL intensity and red-shift of the PL peak at low temperatures are explained based on the interplay of radiative and non-radiative recombinations at the Si NCs and Si/SiO x interface. Time resolved PL studies reveal bi-exponential decay with size correlated lifetimes in the range of a few microseconds. Our results help to resolve a long standing debate on the origin of visible-NIR PL from Si NWs and allow quantitative analysis of PL from arbitrarily shaped Si NCs.
Introduction
Nanostructured Si, in particular Si nanowires (NWs), has been attracting a great deal of attention due to its unique properties and diverse range of applications, e.g. nanoelectronics [1] , optoelectronics [2] , thermoelectrics [3] , photovoltaics [4] , energy storage [5] , bio-chemical sensors [6] etc. Despite the indirect bandgap of bulk Si, Si nanostructures emit light with wavelength depending on size, doping and surface conditions [7] [8] [9] [10] [11] [12] [13] [14] [15] [16] [17] [18] . Efficient visible photoluminescence (PL) has been observed at room temperature (RT) in various forms of nanostructured Si, such as porous Si [7, 8, 19] , Si NCs [9] [10] [11] [12] [13] [14] [15] 18] and Si NWs [14, 20] . However, the mechanism of PL from Si NWs is often debated. While several studies emphasize the effect on the visible PL from Si NWs of the quantum confinement effect on the carrier, a strong influence of defects in the PL has been recognized in other studies [7, 12, 21] . Phonon assisted radiative recombination has also been proposed as a powerful mechanism of PL [16, 17] in Si NCs. Often, Si NCs/NWs are covered with a native oxide layer, and a non-bridging oxygen hole center within an oxide matrix in a core-shell Si/SiO x nanostructure is also found to be responsible for the visible PL at RT [22] . Though visible PL is common in nanostructured Si, NIR PL is not commonly observed at RT. However, Demichel et al reported NIR PL at low temperature (T) from core-shell Si/SiO x NWs and it was interpreted as phonon assisted radiative recombination of confined electron-hole plasma in the Si NW core [16] . These NWs were grown by a conventional catalytic chemical vapor deposition (CVD) method followed by high temperature oxidation and passivation of the NW surface to observe the NIR PL at low T.
During the last decades, metal assisted chemical etching (MACE) has emerged as a promising and significant tool for producing large area, rapid, aligned and well controlled Si NWs, and is now becoming the most common method over the other well established methods for the production of high quality Si NWs [23] . Si NWs commonly grown by catalytic CVD suffer from contamination and poor crystalline quality, that are detrimental for device performance. In fact, it has been demonstrated that electroless etched Si NWs show very high efficiency for solar energy conversion as compared to CVD grown Si nanowires [24] , and surface defects in the NWs were shown to be responsible for the poor performance of the CVD grown NWs. Thus, the surface condition of the Si NWs is critical to their electronic and optoelectronic properties. Though visible PL is commonly observed from Si NWs grown by various methods, to our knowledge NIR PL from Si NWs is rarely observed and it is not understood in the literature. To our knowledge, there is no report on the phonon assisted NIR PL from MACE grown Si NWs.
In this work, we report the morphological, structural and photoluminescence properties of single crystalline Si NW decorated with self-grown Si NCs prepared by a MACE technique. Self-grown Si NCs of different shapes and sizes are formed on Si NWs due to the side wall etching of Si NWs, that results in porous-like Si NWs. We focus on understanding the origin of strong visible to near-infrared PL at RT from the Si NWs decorated with Si NCs. The dependence of the PL spectra on the length and diameter of the Si NWs, the etching parameters and the influence of the SiO x shell on the Si NWs is studied systematically. We also report on the distinct NIR PL at RT from Si NWs covered with a thin SiO x layer and discuss its origin.
Experimental details
Si NWs were grown from boron-doped p-type Si(100) wafers with resistivity 1-10 cm. The Si wafers were initially cleaned by rinsing in acetone followed by ethanol for 5 min in each step. The wafers were cleaned in piranha solution (a 5:1 mixture of sulfuric acid (H 2 SO 4 ) and hydrogen peroxide (H 2 O 2 )) for 10 min to remove the metallic and alkaline contamination as well as for the reduction of organic residues on the wafer surface. The native oxide layer (SiO 2 ) was removed by immersing the wafers in 10% hydrofluoric acid (HF) for a few minutes. The samples were rinsed in de-ionized (DI) water after each step. Finally, the cleaned wafers were dried by an argon (Ar) blow. For etching of the wafers, we used both a one-step process and a two-step process. In the case of the one-step process (sample P), the samples were prepared by immersing the wafers in an etching solution composed of HF/AgNO 3 with different concentrations for different times at RT [23] . In the case of the two-step process, first a thin layer of silver (Ag) nanoparticles was formed on the substrates by dipping the substrates in a solution containing 0.015 M AgNO 3 and 5.55 M HF for few seconds and then the substrates were immersed in two types of solution for different time durations at RT. The first solution contained 0.015 M AgNO 3 and 5.55 M HF (sample Q) and the second solution contained 1.422 M H 2 O 2 and 4.6 M HF (sample R). The morphologies of the Si NWs were characterized using a field emission scanning electron microscope (FESEM) (Sigma, Zeiss) and a transmission electron microscope (TEM) (JEOL-JEM 2010) operated at 200 kV. For structural characterizations, we used high resolution TEM (HRTEM) equipped with an energy-dispersive x-ray spectrometer (EDX) and a Gatan DigitalMicrograph system. The cross-sectional areas of the Si NCs are analyzed using ImageJ software. The steady state photoluminescence (PL) spectrum was recorded using a 405 nm diode laser (Cube, Coherent) excitation with the help of a spectrometer (focal length, 30 cm; blaze wavelength, 500 nm; groove density, 150 g mm −1 ) equipped with a cooled charge-coupled device (Princeton Instruments, PIXIS 100B) detector. Extended NIR PL measurements were made using a liquid N 2 cooled InGaAs detector (OMA-V-SE, Roper Scientific). Each spectrum was corrected for the detector response as a function of wavelength after background subtraction. Low temperature (10-300 K) PL measurements were made using a closed cycle He cryostat (Cryomini, Iwatani). Raman scattering measurements were made out with a 488 nm Ar + laser excitation using a micro-Raman spectrometer (LabRAM HR-800, Jobin Yvon). Reflectivity measurements are made using a commercial spectrometer (SolidSpec, Shimadzu) equipped with an integrating sphere. X-ray photoelectron spectroscopy (XPS) measurements were made with a PHI X-Tool automated photoelectron spectrometer (ULVAC-PHI) using an Al Kα x-ray beam (1486.6 eV) with a beam current of 20 mA. The carbon 1s spectrum was used for the calibration of the XPS spectra recorded for various samples. 
Results and discussion

Growth and morphology
The growth studies of porous Si as well as Si NWs with electroless chemical etching using one-step direct etching and two-step MACE are reported by several groups. The formation mechanism of the Si NCs on the surface of the Si NWs strongly depends upon the mesoporous structures of the nanowires. The shape and size of the Si NCs depend on the size of the pore and intermediate distance between the pores. Figures 1(a)-(c) shows the cross-section FESEM micrographs acquired from as-grown samples P, Q, and R, while figures 1(d)-(f) show the corresponding TEM images, respectively. It is clear that the Si NW surface is rough because of the formation of the Si NCs due to the side wall etching. The typical dimensions of the NCs on the surface of the NWs of the respective samples can be visualized from the TEM images in figures 1(g)-(i). The growth conditions and typical dimensions of the Si NWs and Si NCs are summarized in table 1. The inset in each case shows that the Si NCs are single crystalline, and calculation of d spacing shows a reduced lattice constant (2.97Å), implying a compressive strain in the lattice. This may be related to the anisotropic etching and native oxide layer grown on the Si NW/NC surface. Here the Si NCs essentially form due to the side wall etching during the NW growth. The formation mechanism of small pores on Si NWs has been discussed by Hochbaum et al [25] and Yongquan et al [26] . Usually, crystal defects and impurities such as dopants in the case of p-type Si at the Si surface are thought to serve as nucleation sites for the pore formation. As a result, low resistivity wafers show higher porosity [26] . Note that in the present study we have found porous Si NWs in both one-step and two-step etching processes using Si wafers with moderate resistivity. In the case of the one-step process, i.e. direct etching of the Si wafers in AgNO 3 /HF solution, Ag + ions can quickly react with Si, extract electrons from the Ag + /Si surface and become Ag particles, and as time progresses Ag dendrites. Thus a large number of holes are created on the Si surface in contact with these Ag + ions, and in a continuous way Si NWs are generated by vertical etching of these Si substrates. Since the Ag + formation process is continuous, all the ions may not turn into Ag particles during vertical etching of Si surface; the extra Ag + ions can nucleate [26] . Note that the shapes of the Si NCs are arbitrary, as evident from the HRTEM images in figures 1(g)-(i).
Visible PL
Si NWs decorated with Si NCs on their surface exhibit strong broadband PL in the visible region at RT [14, 27] . Figure 2 (a) shows the broad visible PL from samples P, Q and R, while figure 2(b) shows the effect of lower etching time on the change in PL intensity from sample R. Sample R shows sevenfold stronger and red-shifted visible PL compared to samples P and Q. We studied the effect of etching time on the morphology and PL spectra of the NWs. The NW length increases linearly with etching time duration (see supporting information, figure S1 available at stacks.iop.org/ Nano/25/045703/mmedia) and it is consistent with the earlier report [28] . However, figure 2(b) shows a sublinear increase in visible PL intensity with increase in etching duration from 5 to 15 min. If the visible PL originated from Si NWs, the visible PL intensity (integrated) would have increased linearly, since the length increases linearly with etching time. However, our results show a sublinear behavior, indicating that visible PL may not originate from the Si NWs. Due to the large diameter and indirect nature of the bandgap of the Si NWs, strong visible PL is unlikely to originate from the Si NWs. This is contrary to earlier reports that assign the visible PL to the recombination at the Si NWs itself [20] . The quantum confinement (QC) model is often invoked to explain the visible PL from Si NWs. However, in the present case, the dimensions of the NWs are very large (see table 1 ) compared to the Bohr radius of the excitons in Si crystals. Thus, Si NWs are unlikely to be responsible for the observed visible PL. On the other hand, the dimensions of the self-grown Si NCs are comparable to/smaller than the excitonic Bohr diameter in Si. Note that the NC shape is arbitrary with a broad distribution in sizes, and the average cross-sectional area of the Si NCs is ∼38 nm 2 in sample P, while that in sample R is ∼57 nm 2 . Thus, average sizes of the NCs in all the samples are lower than the excitonic Bohr radius of 4.9 nm (equivalent cross-sectional area ∼ 75.4 nm 2 ), and if the QC effect is dominant sample P will give rise to a higher energy PL peak than sample R. This is fully consistent with the data presented in figure 2 (a). The broad PL peak arises due to the large size distribution in the Si NCs, as explained later. Therefore, Si NCs, instead of the Si NWs, are the most likely source of strong visible PL observed in figure 2(a) . In order to quantitatively analyze the origin of the tunable visible PL from different samples, the QC model is the most successful model. The heterogeneous relation between the diameter (d) of the Si nanostructure (quasi-1D in Si NW and quasi-0D in Si NC) and the corresponding PL peak energy (E g ) expressed as
where C and α are constants. This relation assumes a circular cross-section of the NWs or NCs, and different groups have reported different values of the constants from Si NWs/NCs grown by methods different from the MACE method used here. In general, the shape of the NCs may not be strictly cylindrical or spherical, as seen in the present case. So, a general formalism is needed by which E g of the nanostructure can be predicted for any shape and size. We choose the cross-sectional area (A) as the most appropriate parameter to replace the parameter d, resulting in the following equation:
where C and α are new constants. Here A is the area replacing π d 2 /4 for circular cross-section. To emulate the PL lineshape, the size distribution of the NCs must be considered. Since sample R shows the strongest PL, we analyze its size dependence by measuring the size distribution of the corresponding Si NCs. Figure 3(a) shows the typical distribution of the cross-sectional areas of the Si NCs on the side wall of the Si NWs of sample R. These NC areas are measured from the high magnification TEM images of the Si NW surface, as represented in figure 1(i). It is evident from figure 3(a) that the majority of the Si NCs have cross-sectional area A below 80 nm 2 (∼86%) and follow the typical asymmetric Gaussian distribution. Since the major contribution comes from the NCs belonging to this region of size distribution ( figure 3(a) ), we divide this portion into four equal sub-portions with an interval of 20 nm 2 and attempt to fit the PL band in sample R by four Gaussian bands, and the centers of the fitted peaks are indicated in figure 3(b) . Note that the additional peak at 2.55 eV is very weak at RT, though it becomes more distinct and intense at low T (this will be discussed later). Based on the earlier reports and our studies, the broad band at ∼2.55 eV is attributed to the SiO x layer grown on the surface of Si NWs/NCs [29] . Thus, the first four PL bands arise due to the specified groups of the NCs. Since the energy bandgap reduces with the increase in NC size, the PL peak centers vary as a function of the cross-sectional area of the Si NCs. The variations of the PL peak positions with cross-sectional area of the Si NCs are demonstrated in figure 3(c) (black hexagons). We fitted the data points by equation (2) and found the constants C and α to be 3.58 eV nm −1 and 0.52, respectively. A comparison between our results and the earlier reported results on the variation of E g with the corresponding A (converted from the corresponding diameter d) are presented in 3(c), and values of the constants C and α are mentioned in table 2. It clearly shows that our results closely follow the results recently reported by Valenta et al [30] for free-standing Si NCs grown by a different method. Figure 3 (c) also reveals that the nature and the position of the experimental curves do not deviate much from the other reported results, and the values of the constants derived by our model are fully consistent with the earlier reports. It may be noted that, in the present work, Si NCs are compressively strained due to the oxide overlayer, as discussed before. Since the strain is expected to cause a red-shift in the bandgap of the Si NCs [17] , the deviation of our results from those of Valenta et al shown in figure 3 (c) can be partly accounted for by the strain effect. Another source of discrepancy may be the shape dependence of the bandgap, since Si NCs in the present case have arbitrary shape. Note that the Si NCs studied by Valenta et al were not embedded in any matrix and hence the strain effect is negligible there. Thus, under the limiting condition of circular cross-section and strain free Si NCs, our results would match very well with the reported results. We believe that this general formalism using cross-sectional area A as a parameter is more versatile than the commonly assumed diameter d as a parameter for prediction of energy gap and corresponding PL spectra. This is particularly relevant for the Si NCs grown by MACE, that are non-spherical in nature. Such an analysis was carried out for the other two samples, P and Q, as well. In both cases, the distribution in A is Gaussian but asymmetric in nature. The average A in each case is shown in table 1. Despite different growth conditions, samples P and Q have similar visible PL spectra due to the fact that they possess similar size Si NCs decorated on the surface of the Si NWs. The relative change in the PL bands shown in figure 2(a) is fully consistent with the change in A for different samples. Thus, our results show that the QC effect is the most dominant mechanism of the visible PL from the Si NCs decorated on the Si NWs. Note that in the present case Si NCs are attached to the Si NW core, and thus the influence of the Si NW core on the observed PL cannot be ignored. We believe that efficient radiative recombination takes place at the quasi-0D Si NCs due to the covering of the SiO x layer, before the carriers diffuse to the 1D Si NWs through the weak link on the surface.
Oxygen deficiency in the interface between Si and amorphous SiO x or the non-bridging oxygen hole center within the silica matrix in the core-shell Si/SiO x nanostructure may also contribute to the observed visible PL [22, 31] . In order to verify the effect of interface defects due to the native oxide layer on the Si NWs as well as the Si NCs, we performed oxide etching of the as-grown samples in 10% HF solution for 3 min to terminate the surface with hydrogen and then annealed at 200 • C for 30 min under high vacuum (7 × 10 −5 mbar) in order to remove the dangling bond defects [32] . Figure S2 (supporting information available at stacks.iop.org/ Nano/25/045703/mmedia) shows that no significant change in spectral shape occurs after HF etching, i.e. partial removal of native oxide layer. However, sample P shows a nearly sevenfold increase in PL intensity, while sample Q shows a nearly threefold increase in PL intensity after HF treatment. A small reduction in size of the Si NCs is expected after etching, that may enhance the PL efficiency of the Si NCs. Though interface defects are minimized by the vacuum annealing process, the SiO x layer may contain non-radiative defects that trap carriers and reduce recombination efficiency in the NCs. Indeed, low temperature PL studies (discussed later) confirm the influence of non-radiative centers in the visible PL lineshape. These results confirm that the SiO x layer on the Si NCs and Si NWs does not contribute to the RT visible or NIR PL.
NIR PL at RT
Besides the visible PL, some samples exhibited strong NIR PL at RT measured using a liquid N 2 cooled InGaAs detector. Figure 4 (a) shows a comparison of NIR PL spectra at RT for samples P, Q and R under identical conditions. It is clear that sample Q does not show any detectable PL at ∼1.12 eV as compared to the strong PL from sample P at the same energy. On the other hand, sample R shows a relatively weak and broad PL band centered at ∼1.5 eV, possibly arising from the larger Si NCs (>80 nm 2 ) decorated on the Si NWs, as shown in figure 3(a) . The broad line shape of the PL band is consistent with the wide size distribution of the Si NCs in sample R. This is in contrast to the sharper PL band at ∼1.12 eV shown for sample P. Sample P shows a strong asymmetric PL band at ∼1.1 eV. Due to the large diameter and indirect bandgap nature, Si NWs may not exhibit phonon assisted recombination PL at RT. Therefore, NIR PL is usually not observed from Si NWs at RT. However, we found strong NIR PL from sample P, as mentioned earlier. Note that direct etching under lower HF/AgNO 3 concentration yields Si NWs showing similar NIR PL at RT with lower intensity (data shown as inset in figure 4(b) ). The purpose of doing these experiments is to find out the optimum etching condition under which the NIR PL is strongest, and this may help in understanding the origin of the NIR PL from Si NWs. Thus, Si NWs grown under one-step etching show NIR PL at RT, in addition to the visible PL. Due to the asymmetric shape of the NIR PL peak, we fitted the peak with three Gaussian bands centered at 1.07, 1.10 and 1.12 eV. Usually, phonon assisted radiative recombination is expected to be responsible for these peaks. Demichel et al [16, 17, 33] reported similar NIR PL bands at low T in core-shell Si/SiO 2 grown NWs, and attributed the 1.12 eV and 1.07 eV peaks to the transverse acoustic (TA) and transverse and longitudinal optical (TO/LO) phonon assisted recombination of intrinsic carriers of the electron-hole plasma (EHP) phase, respectively, and the 1.10 eV peak to LO phonon assisted recombinations of intrinsic carriers of the free exciton (FE). All these results were reported for a CVD grown Si NW surface passivated with an SiO 2 layer and usually prominent at low T (∼25 K). However, we observed strong NIR PL in chemically etched Si NWs even at RT without any surface passivation step. It is shown below that Si NWs in sample P are covered with a thick layer of SiO x , and this may provide the spatial confinement of carriers needed to form EHP in the Si NW core. An earlier report stressed the need for surface passivation of the SiO 2 layer by annealing in forming gas for efficient NIR PL measured at low T. However, we measured NIR PL from one-step etched Si NWs without any surface passivation. We believe that in the present case, besides the surface native oxide layer, the highly crystalline core of the Si NWs decorated with small Si NCs possessing higher bandgap may provide quantum confinement of the carriers that aids in yielding EHP and FE PL even at RT. In the present case, the Si NWs/NCs are covered with a native SiO x layer as opposed to the high T oxidation and passivation steps adopted by Demichel et al [17] . Thus, strong visible as well as NIR PL can be obtained from the same Si NWs decorated with Si NCs grown by a simple chemical method without involving sophisticated growth and processing steps.
In order to further understand the mechanism of NIR PL from Si NWs, Raman and XPS studies are carried out. Figure 5 (a) represents the first order Raman spectra of samples P, Q and R. It is clear that the TO Raman mode of bulk Si at ∼520 cm −1 is red-shifted for all the NW samples. However, the Raman shift ( ω) is different for different samples ( ω P ∼ 0.1 cm −1 , ω Q ∼ 1.4 cm −1 and ω R ∼ 3.3 cm −1 ). These Raman shifts can be explained by the competing effect of QC [34, 35] in phonons and strain on the NWs [34, 36, 37] . With the decrease in size from bulk to nanometer, the special wave function of the optical phonon is confined and the phonon confinement effect results in the red-shift and asymmetrical broadening of the Raman modes. Besides the QC effect, lattice strain also causes a Raman peak shift ( ω). ω is positive (blue-shift) for compressive strain [34, 35] and negative (red-shift) for tensile strain [37] . Figure 5 (b) shows a schematic representation of the Raman peak shift with lattice strain and QC effect. Figure 5 (a) reveals that ω R > ω Q > ω P and the Raman line width of sample R is larger. This trend cannot be explained by the QC alone, since the average size of Si NCs in sample P is less than that in sample R. Thus, the reduced ω in sample P must be caused by a strong compressive strain on the Si NCs/NWs formed in sample P that causes an upshift of the Raman mode. The compressive strain may originate from the thick SiO x layer formed on the Si NW/NCs. Indeed, HRTEM analysis confirmed that Si NCs are compressively strained (see the inset of figure 1(g)) with a lattice spacing of 2.97Å, that is quenched by 0.16Å (the unstrained Si 111 lattice spacing is 3.13Å). Hence, the Si NCs experience a strong compressive strain arising from the SiO x (0 < x < 2) layer formed after etching in sample P.
XPS studies further confirm that the Si NWs as well as the Si NCs are covered by a native oxide layer of Si, i.e. (SiO x (0 < x < 2)), as shown in figure 5(c) . The Si 2p core-level spectra of sample P show a single peak at ∼102.1 eV, while that in sample Q show two peaks at ∼98.9 and ∼102.5 eV and that in R shows two peaks at ∼99.1 and ∼103.4 eV. These peaks correspond to the neutral Si and its different oxidation states. Three different oxidation states can be identified from the data shown in figure 5 (c). Sample P shows only an Si 3+ (Si 2 O 3 ) peak at 102.1 eV, while sample Q shows Si 0 (Si) and Si 3+ (Si 2 O 3 ) at 98.9 eV and 102.5 eV, respectively. Sample R shows Si 0 (Si) and Si 4+ (SiO 2 ) with binding energies 99.1 eV and 103.4 eV, respectively [38, 39] . The Si 2 O 3 and SiO 2 peaks were relatively broad compared to the Si peak due to phonon broadening. It is interesting to note that the Si 0 XPS peak is completely absent for sample P, which confirms that sample P is covered with a thick sub-oxide layer. Thus, the results of Raman, XPS and HRTEM analysis are consistent with the fact that Si NC decorated Si NWs in sample P are compressively strained due to a thick SiO x (0 < x < 2) layer, and this is responsible for the EHP PL peak in the NIR region. Figure 5 (d) shows a schematic diagram of the relationship between the PL bands and the morphology (not to scale) of the Si NWs decorated with Si NCs and covered with an SiO x layer. Our observations are qualitatively summarized in table 3. It essentially shows that the strong visible PL in sample R is due to the high density of Si NCs and the strong NIR PL in sample P originates from the Si NWs covered with a thick SiO x layer.
Temperature dependent PL
In order to understand the contributions of radiative and non-radiative processes in the visible PL, we have studied the T dependence of the PL spectra. The shape, intensity and peak centers of the PL spectra are strongly dependent upon T, as illustrated in figure 6 for sample R in the range 10-295 K. Whereas the PL spectra at RT have a broad peak centered at ∼1.6 eV, at lower T the PL spectra have two distinct bands centered at ∼1.54 eV (band X) and ∼2.56 eV (band Y) with strongly enhanced intensities. We notice that the intensity of band Y increases at lower T, though the center position of the band does not change appreciably. On the other hand, both the intensity and center of band X change strongly with T, as shown by the vertical line (dashed) in figure 6 . Thus, band Y may have intrinsic origin, and as discussed before it is most likely to originate from the SiO x layer on the surface of the Si NCs [29] . Due to the presence of the thin SiO x layer, sample R does not show NIR PL from the Si NWs. The band X that shows a red-shift at low T contradicts the well known Varshni formula [40] . figure 7(a) shows the variation of the integrated PL intensity of band X with T. At low T, the integrated PL intensity is dramatically increased compared to the intensity at RT, and it shows a maximum at ∼61 K. This indicates that the non-radiative recombination becomes active at T > 61 K, resulting in the decrease in PL intensity at higher T. The temperature dependence of the integrated intensity represents Arrhenius type dependence [30] at higher T, which is represented by the equation
The activation energy E a is found to be ∼51.4 meV ( figure 7(b) ), and this is consistent with the earlier reports [14] . Both the intensity variation and PL peak shift with T can be described by the interplay of radiative recombination of strongly localized excitons within the crystalline Si NCs and the T dependent non-radiative exchange interactions between electrons and holes via the defect states due to the thin sub-oxide layer on the Si NCs. The effective decay constant (τ eff ) depends upon both the T dependent radiative decay constant (τ r (T)) and non-radiative decay constant (τ nr (T)) according to the relation
where τ r (T) is the radiative lifetime and τ nr (T) is the non-radiative lifetime of the NC system at any temperature [41, 42] . The variation of integrated intensity with T can be divided into three regimes: a τ r -dominated regime for T < 61 K, τ r domination to τ nr domination for 61 K < T < 161 K and τ nr dominated for T > 161 K. According to Hartel et al [42] , the τ r -dominated regime is T < 70 K, τ r domination to τ nr domination is for 70 K < T < 150 K and τ nr domination for T > 150 K, which are very similar to our results. So, the transition from τ nr domination to τ r domination results in the red-shift of the peak center from ∼1.60 to ∼1.52 eV in the case of band X (figure 6). Thus, the intensities of band X and band Y vary with T according to the domination of the radiative and non-radiative recombination in different T regions. This calls for a multi-level transition model to describe the above phenomenon, that arises from the localized states due to the porous nature of the Si NWs [43, 44] . The decrease in integrated PL intensity below 61 K is in contrast to the results described by Hartel et al [42] .
To understand further the T dependent peak shifts and enhancement of integrated PL intensity, we fitted the PL spectrum at each temperature with five Gaussian bands similar to that shown in figure 3(b) (see supporting information: figure S3 available at stacks.iop.org/Nano/25/ 045703/mmedia). Fitting parameters shown in table T1 (supporting information available at stacks.iop.org/Nano/25/ 045703/mmedia) reveal that the center of peak 1 is nearly fixed, while the other peaks are blue-shifted with decreasing T, consistent with the Varshni equation ( figure 7(d) ). However, the magnitudes of blue-shifts are higher than that expected from the Varshni equation. As the radiative decay time is expected to be NC size dependent, the Si NCs with higher cross-sectional areas, i.e. lower energy, have larger lifetime in comparison to the smaller Si NCs [45] . Hence, the PL signal that originates from the larger Si NCs saturates more rapidly than the PL signal originating from the smaller Si NCs at low T. At low T, the saturation effect does not affect the small Si NCs as much it affects the large ones, and because of this the PL band shifts toward the higher energies. This is consistent with the report by Rinnert et al [46] . We notice some fluctuation of the energy values as a function of temperature in figure 7(d) . During the PL measurements at low temperatures, the temperature fluctuation is <0.1 K. (ii) errors arising from the fitting of the PL band with multiple peaks with arbitrary fitting parameters and (iii) energy dependence of the response of the detector giving rise to some distortion in shape of the PL spectra even after response corrections. The integrated intensity of peak 1 increases rapidly with decreasing T (up to 41 K), while for the other peaks it changes non-monotonically ( figure 7(c) ), which results in the variation of the combined integrated intensity with T seen in figure 7(a) . In particular, the integrated intensity of peaks 1 and 4 decreases below 41 K, while it increases in the case of peaks 2 and 3. Due to competing contributions of peaks 1 and 2 and peaks 2 and 3, the overall integrated intensity decreases below 61 K in figure 7(a) . Due to the competing contributions of multiple peaks, a small red-shift is observed in band X below a certain T, as seen in figure 6.
Time resolved PL
Time resolved PL studies were undertaken to explain the size dependent PL from the Si NCs. Figure 8 shows the PL decay of sample R at different emission wavelengths with a window width of 10 nm. Each decay curve could be fitted well with a bi-exponential decay with time constants in the range of a few µs. Unlike the earlier reports on Si NCs, that usually show stretched exponential decay, our data fit to bi-exponential decay. Recently, Linnros et al [47] reported mono-exponential decay from a single Si quantum dot, though large variation in lifetime (5-45 µs) from dot to dot was observed, even for the same emission energy. In the present case, Si NCs are less interacting though weakly attached to the Si NW core. Due to less interaction among Si NCs and the highly crystalline core, PL decay here is nearly single exponential for a small group of Si NCs (see figure 3(a) ), as compared to the stretched exponential decay usually observed for ensemble measurements. The data in figure 8 clearly show that the decay time constants are lower for the higher energy PL peak. As discussed before, the higher energy PL arises mainly from a group of smaller size Si NCs, and smaller size NCs have shorter lifetime. This is fully consistent with the earlier report [46] . PL decay measured at 1.69 eV (730 nm) is contributed primarily by two peaks corresponding to 1.59 and 1.77 eV (peaks 2 and 3 in figure 3(b) ) with the constants τ 1 = 3.13 µs and τ 2 = 24.27 µs ( figure 8 ). The fitting parameters show that the amplitude of the τ 1 component is higher than that of τ 2 , consistent with the relative amplitudes of peak 2 and peak 3. Interestingly, both the time constants clearly show the quantum size effect for the Si NCs. According to Hartel et al [42] the decay lifetime increases with increasing particle size, and our results are consistent with their observations. Thus, the TRPL data support the size dependent PL from Si NCs decorated on the Si NWs, and this further confirms the role of the QC effect in the observed visible PL from Si NCs. Note that in the present case the Si NCs have a highly crystalline core, and are attached to the Si NW surface, that is again highly crystalline. It is worth mentioning that visible PL intensity from the Si NCs was very high and was clearly discernible with the naked eyes. Our XPS analysis including the depth profile of the NWs shows that the Si NWs/NCs are partly covered with Ag nanoparticles, despite post-growth etching with HNO 3 to remove the Ag dendrites. Thus, the enhanced PL emission may be partly caused by plasmonic enhancement by the residual Ag nanoparticles [20] . Hence, an electroluminescence device emitting in the entire visible range can be fabricated from such Si nanostructures. Since the fabrication process adopted here is very simple and robust, and the crystalline quality of the Si NWs and NCs is superior, it can be easily integrated into light emitting diodes, solar cells and other photonic device for improved performance.
Optical reflectivity
In order to understand the relative change in visible PL intensity for different samples, the absorption coefficient was assessed by measuring the diffused reflectivity under oblique incidence. Figure 9 shows a comparison of the optical reflectivity as a function of wavelength for the bulk Si wafer and Si NWs decorated with Si NCs. Si NWs show significantly lower reflectivity at all wavelengths (6.3% at 405 nm) as compared to the bulk Si wafer (41.9% at 405 nm). Due to multiple reflections on the inner surface of the Si NWs and a broad range of size distribution of the Si NCs, the absorption is significantly high in the case of Si NWs/Si NCs over the entire range of wavelength [4] . Interestingly, sample R shows the lowest reflectivity among all samples below 450 nm, indicating higher absorption, that may be responsible for the enhanced visible PL intensity from sample R compared to samples P and Q. Due to high optical absorption by the Si NCs and trapping of light by the Si NW array, the samples appear dark in color to the naked eye. Note that the MACE grown Si NWs may have residual Ag nanoparticles (NPs) lying at the bottom of the NWs and partly at the surface of the NWs/NCs. These Ag NPs may cause higher absorption in the visible range due to the surface plasmon resonance [20] . However, since the NWs were etched in HNO 3 solution after growth, their contribution may not be significant, though it is not negligible for sample R. In fact, our XPS studies reveal the presence of Ag near the top surface of the NWs for sample R, and this may partly be responsible for the strongest visible PL and lowest reflectivity in R. Low reflectivity implies higher absorption and excitation of carriers, finally leading to enhanced radiative recombination or PL in sample R [20] . Due to the high absorption over a broad range of wavelength, such nanostructures are highly beneficial for photovoltaic application requiring antireflective properties over the entire visible-NIR range [4] .
Conclusions
We have fabricated arrays of Si NWs decorated with self-grown Si NCs on their surface by a metal assisted chemical etching method. The Si NWs/NCs show strong and tunable visible-NIR PL at RT that depends on the cross-sectional area/size of the decorated Si NCs with arbitrary shapes. Si NWs covered with a thick layer of Si sub-oxide show additional NIR PL distinctly different from the size dependent visible-NIR PL, and this is ascribed to phonon assisted radiative recombination of EHP inside the core of the Si NWs. Our conclusions are strongly supported by the Raman, XPS and HRTEM analysis. The NWs/NCs show extremely low reflectance in the entire visible-NIR region and are thus highly promising for photovoltaic applications. The enhancement of visible PL intensity and red-shift of the bandgap at low T are explained by the combined interplay of radiative and non-radiative recombination as well as by the interplay of multiple peaks in the spectrum. Based on experimental results, an analytical relation that correlates the Si NC diameter with the bandgap energy is modified, redefined and formulated for the Si NCs with arbitrary shape and cross-sectional area. Our formalism is more versatile, as it can be applied to nanostructures of arbitrary shape. Our model is consistent with the earlier reports that assume circular cross-section of the NCs/NWs. These results help to resolve the long standing debate on the origin of visible-NIR PL from Si NWs decorated with Si NCs and allow quantitative analysis of PL from arbitrarily shaped Si NCs.
